The fracture of tetrahedral amorphous carbon at the nanoscale was investigated with molecular dynamics simulations using the environment-dependent interatomic potential. It was found that the fracture strength of amorphous carbon nanospecimens is insensitive to initial cracks with diameters smaller than about 40 Å, i.e., the material exhibits flaw tolerance at the nanoscale. It was also found that amorphous carbon nanospecimens fracture very differently from diamond; ͑i͒ failure is gradual instead of catastrophic and ͑ii͒ it is accompanied with voidlike defect growth and coalescence. This fracture behavior appears to result from the structural disorder of amorphous carbon. In order to further explore the effect of crack size in materials with structural disorder, larger two-dimensional random network models were studied and found to also exhibit void growth during fracture and flaw tolerance. 
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In this paper, we report molecular dynamics simulations of the fracture of ta-C nanospecimens ͑hereafter, we refer to them as simply amorphous carbon͒. We found that amorphous carbon nanospecimens are weaker than diamond and that their fracture is more gradual and accompanied by nucleation and coalescence of voidlike defects. Most interesting is that, in contrast to diamond, amorphous carbon nanospecimens appear to exhibit flaw tolerance: cracklike defects smaller than 40 Å have almost no effect on the fracture strength. Flaw tolerance at the nanoscale was previously predicted by Gao et al. for biological crystalline materials such as bone, tooth, and nacre. 2 These differences between fracture in amorphous carbon and diamond appear to be due to the structural disorder of the former. To further elucidate this hypothesis and examine flaw tolerance for larger specimens, we studied larger twodimensional random networks with a simpler potential. We found analogous behavior in these networks: more gradual failure, void formation, and flaw tolerance. It appears that flaw tolerance may be a characteristic of disordered atomic structures at the nanoscale.
Before proceeding, we briefly review the relevant literature. Fyta et al., 3 using tight-binding quantum methods, computed fracture strengths of 50-90 GPa and fracture strains of 0.10-0.12 for amorphous carbon. Paci et al., 4 using several quantum mechanics ͑QM͒ methods, calculated fracture strength of a diamond cluster containing an amorphous carbon region and reported fracture strength of 61-86 GPa and fracture strains of 0.13-0. 16 . Both theoretical results differ substantially from experimental fracture strengths of 6 -9 GPa and fracture strains of 1.2%. 1 Such differences may be due to defects in the experimental specimens. For example, even in nanotubes, differences between experimental and theoretical strengths are greater than 50% due to vacancies, holes, and slitlike defects. [5] [6] [7] [8] [9] [10] For ultrananocrystalline diamond ͑UNCD͒, in which an amorphouslike phase occurs between grains and failure is usually intergranular, Espinosa et al. 11 reported experimental fracture strengths between 0.89 and 2.26 GPa. Paci et al., 12 using density functional theory ͑DFT͒, computed the intergranular strength of diamond to be 100 GPa. The role of flaws on fracture strength has also been studied for diamond, 13 UNCD, 12 and amorphous metals. 14 In our molecular dynamics simulations of the fracture of amorphous, we used the environment-dependent interatomic potential 15 ͑EDIP͒ which was specifically developed for amorphous carbon. We show that the widely used Tersoff potential 16 and the Brenner potentials 17, 18 fail to provide the correct sp 3 fractions in the synthesis of amorphous carbon; this was also noted in deposition simulations. 19 EDIP has been successfully used in other applications, such as liquid quenching and thin film deposition. [20] [21] [22] This paper is organized as follows. In Sec. II, the effectiveness of the EDIP and Brenner and Tersoff potentials for amorphous are compared; in Sec. III, we examine the fracture of pristine and defective amorphous carbon, and diamond; in Sec. IV, we show the similarities of the fracture of two-dimensional random networks to that of amorphous carbon and study larger defects in the former; conclusions are drawn in Sec. V. the numerical synthesis of amorphous carbon by simulated annealing. A crystalline diamond specimen was heated above its melting point ͑3820 K͒ and then slowly cooled to room temperature at a rate of 200 K / ps to obtain amorphous carbon. The specimen was a parallelepiped of 2016 atoms with initial dimensions of 17.62ϫ 17.60ϫ 36.96 Å 3 ; after cooling, its dimensions were 18.62ϫ 18.81ϫ 39.50 Å 3 and its density was 2.90 g / cm 3 . Periodic boundary conditions were applied in all directions during the process. Three specimens were considered and the mean is reported.
The bonding fraction is compared for various potentials and with tight binding 3 in Table I . The sp 3 fraction was taken to be the fraction of fourfold coordinated atoms, though in EDIP, the coordination is calculated with a functional which can describe distorted configurations involving electrons. We found that the Tersoff and REBO potentials failed to generate reasonable amorphous structures. As shown in Table I , the sp 3 fractions generated with these two potentials were less than 30%, which is much smaller than experimental data, which are usually greater than 75%. The EDIP method gives significantly better results ͑sp 3 fractions of 50%-60%͒, though these are still lower than the experimental data. EDIP provides better transferability because its functional form is parametrized by ab initio data for the graphite/diamond transformation, thus providing an accurate description of the energetics of bond making and breaking. EDIP also includes nonbonded -electron interactions which control the density of graphite. The absence of these interactions in the Tersoff and Brenner simulations may result in structures with unphysically high sp 2 fractions at this density.
Next, we obtained the elastic modulus, failure strain, and failure strength for the above specimen ͑18.62ϫ 18.81 ϫ 39.50 Å 3 ͒ for the three potentials. In these and all subsequent data in this paper, an engineering definition of stress and strain is used, so the stress is given by = P / A, where P is the total force acting on the specimen, and A is the cross-sectional area of the specimen prior to application of the load. The force P was computed by summing the z components of the bond forces on atoms with prescribed displacements. The strain is defined by
where L Z and L Z 0 are the current and initial lengths in the z direction of the specimen, respectively. Young's modulus was obtained from the initial slope of the stress-strain curve.
As can be seen from Table I , the stiffness and fracture strength obtained with the Tersoff and REBO potentials are much lower than those obtained by tight-binding methods 3 and quantum mechanics methods, 4 whereas EDIP agrees better.
To examine the performance of EDIP for other carbonbased nanostructures, we also studied diamond nanospecimens and nanotubes with these three potentials. For nanotubes, a crystalline form of carbon, the Brenner potential has been shown to agree reasonably well with DFT and PM3 quantum mechanics calculations, 8, 9 although it does tend to underestimate both stiffness and strength. In the simulations reported in Table II , the diamond specimen ͑2016 atoms, 18.62ϫ 18.81ϫ 39.50 Å 3 ͒ was loaded in the ͗111͘ direction. The molecular dynamics ͑MD͒ simulations were conducted at 1 K and the displacements were prescribed at a rate of 0.014/ ps; molecular mechanics ͑MM͒ simulations ͑equilib-rium solutions obtained by energy minimization͒ were also made. Although there are some differences between the results, the MD results with EDIP are clearly acceptable.
III. FRACTURE OF TETRAHEDRAL AMORPHOUS CARBON

A. Pristine amorphous carbon specimens
In the following, we describe MD simulations of pristine and defected amorphous carbon specimens. The results were obtained by molecular dynamics simulations because it was very difficult to obtain convergence with molecular mechanics ͑i.e., zero temperature methods͒. The specimen was of the same size as in the previous section. The specimens were loaded at a constant strain rate ͑0.014/ ps͒ until failure at 300 K with a linear-scaling temperature control. We tested several strain rates and found that the fracture properties do not change significantly for smaller loading rates. The loading was applied by prescribing the displacement of the atoms on the two opposing ends ͑along the longest dimension͒ of the specimen at a constant speed. The prescribed displacements were imposed over a thickness of 3.70 Å, i.e., over about two layers of atoms. The lateral boundaries were free for the intent here was to model nanospecimens. Stress-strain curves that are shown were filtered by a 20-point average filter. The cut-off distance for the EDIP force calculation was 1.84 Å; this distance was also the criterion for bond breaking. The stress-strain curve for the amorphous carbon nanospecimen is shown in Fig. 1 . The maximum stress ͑52.2 GPa͒ is defined as the fracture stress. The corresponding strain ͑12%͒ is defined as the fracture strain. Young's modulus is obtained from the initial slope of the filtered stress-strain curve, which is around 700 GPa; this agrees well with the tight-binding results by Fyta et al. ͑see Table I͒. The stress-strain curve has four clear stages: ͑a͒ the stress increases approximately linearly to about 12% strain; ͑b͒ the slope of the stress-strain curve suddenly becomes negative, and the stress decreases gradually by about 10%, while the strain increases from 12% to about 27%; ͑c͒ the stress decreases more rapidly for strains between 27% and 60%; ͑d͒ the stress is approximately constant at 10 GPa as the strain increases from 60% to 80%. The behavior in stages ͑b͒ and ͑c͒ is often called strain softening in the engineering literature; it is characteristic of an unstable material.
Figures 2͑a͒-2͑c͒ show stick models and Figs. 2͑A͒-͑C͒ show the fourfold coordinated carbon atoms, respectively, in the specimen at various stages of the loading: ͑i͒ the initial state, ͑ii͒ at maximum stress ͑12% strain͒, ͑iii͒ after the initial gradual softening stage ͑27% strain͒, and ͑iv͒ at maximum ͑79%͒ strain. The depiction of atoms with coordination of 4 clarifies defect development since all atoms connected to fewer than three neighboring atoms are not shown.
As can be seen, at zero strain, there are several local regions with short-range order and there are no large defects.
At the maximum stress ͓Fig. 2͑b͔͒, the domains with shortrange order have shrunk, and defects have nucleated inside the specimen. Two larger voidlike defects have formed on each side, as shown in coordinated atom depiction ͓Fig. 2͑B͔͒. These are not true voids but regions of lower bond densities, and hence lower strength. Subsequently, shortrange order totally disappears, and some atomic bonds are rotated to align with the loading direction, as shown in Fig.  2͑c͒ . At the same time, the defects grow significantly ͓Fig. 2͑C͔͒. In Fig. 2͑d͒ , the two parts of the specimen are almost completely separated except for three carbon-carbon chains. It can be seen from Fig. 1 that these chains sustain about 10 GPa of stress.
Similar carbon single bond chain formation has been observed in several experiments 23 and theoretical studies of the fracture of amorphous carbon structures 4 and carbon nanotubes. 23, 24 The tendency toward structural rearrangement substantially toughens the amorphous carbon. While the stages after the maximum stress have no influence on the strength, they increase the energy dissipation associated with the failure, and hence the toughness. 
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͑Color online͒ ͓͑a͒-͑d͔͒ Stick models and ͓͑A͒-͑D͔͒ surfaces of fourfold coordinated atoms of the amorphous nanospecimen during the fracture process: ͓͑a͒ and ͑A͔͒ at 0 strain ͑with boundary atoms in dark blue͒, ͓͑b͒ and ͑B͔͒ at maximum stress, 12% strain, ͓͑c͒ and ͑C͔͒ at 27% strain, and ͓͑d͒ and ͑D͔͒ at 79% strain.
We next compare the fracture process in amorphous carbon with that of diamond. Here, we consider fracture in a ͗110͘ plane for a similar nanospecimen: the number of atoms, temperature control, molecular potential, and loading speed are identical to those used for amorphous carbon. The stress-strain curve is shown in Fig. 1 together with that of the amorphous carbon nanospecimen. The diamond fractures in a catastrophic manner: the stress increases monotonically to a peak ͑at a strain of 17.4%͒ and then drops suddenly to about 10 GPa. This sudden drop in the stress corresponds to a rapid growth of the crack from a few broken bonds to almost complete separation of the body.
Such catastrophic failure has also been observed in simulations of carbon nanotubes and graphene by MM. 8 In fact, in QM simulations, 8,9 equilibrium configurations were not found after the fracture stress.
B. Effects of initial cracks on amorphous carbon fracture
We next examine the effect of cracklike defects on the strength of amorphous carbon and diamond. The amorphous carbon and diamond samples are identical to those in the previous subsection, except that penny-shaped cracks of radii of 6.0-45 Å are inserted. The cracks were created by removing a penny-shaped section of carbon atoms at one edge of the cylinder; such cracks are usually called edge cracks, as shown in Fig. 3 . Note that we did not simply break the bonds cut by the plane of crack because this is unrealistic for modeling of initial cracks ͑see Ref. 8͒.
The diamond nanospecimen with a circular edge crack is shown in Fig. 3͑a͒ . The atomic structures of the specimen at zero strain and immediately after the fracture are shown in Figs. 3͑b͒ and 3͑c͒ , respectively. The stress-strain curves for both pristine diamond and the diamond specimen with an initial crack are shown in Fig. 4 . The fracture stress and strain are easily identified from the peaks and sudden drops in the stress-strain curves. The crack decreases the fracture strength from 112.8 to 91.3 GPa ͑a 19% decrease͒ and the ultimate strain from 17.4% to 14.7%. From Figs. 3͑b͒ and  3͑c͒ , we see that immediately after the maximum stress, a plane of bonds in the ͑111͒ plane are broken, i.e., the crack has quickly grown across almost the entire specimen.
In contrast, the stress-strain curves for pristine amorphous carbon and precracked amorphous carbon, shown in Fig. 5 , hardly differ until the maximum stress is reached. The fracture strength only decreases from 52.2 to 51.4 GPa, and the fracture strain is also almost unchanged.
The fracture process of the amorphous carbon with an initial crack of radius of 6 Å is illustrated in Fig. 6 . Comparing the fracture processes of amorphous carbon clusters with and without the initial crack ͑Figs. 6 and 2͒, it can be seen that similar large voidlike defects develop. Apparently, the initial crack does not alter the evolution of the atomic structure significantly until after the maximum stress is reached. This may explain why the effect of the initial crack on the fracture stress and strain is insignificant. However, after the maximum stress, the evolution of the atomic structure ͓Figs. 6͑c͒ and ͑C͒ and 6͑d͒ and ͑D͔͒ differs from that of the pristine specimen ͑Fig. 2͒.
The differences between fracture of amorphous carbon and diamond are as follows:
͑i͒ While the fracture of diamond is catastrophic, characterized by a sudden drop of stress, the stress in amorphous carbon decreases gradually after the fracture stress.
͑ii͒ The fracture strength of amorphous carbon is significantly lower than that of diamond.
͑iii͒ The fracture strain of amorphous carbon is smaller than that of diamond. However, the strain at which the amorphous carbon specimen is completely broken is much larger than that of diamond.
͑iv͒ Various defects, such as cracks and voidlike defects with lower bond densities, develop during the failure process of amorphous carbon. The growth and coalescence of these defects lead to the failure of the amorphous carbon body. Nucleation and coalescence of voidlike defects do not occur in diamond; this absence of voids is typical of crystalline fracture.
͑v͒ The fracture properties of diamond are more sensitive to small initial cracks than amorphous.
These characteristics of the fracture of amorphous carbon are likely due to its structural disorder, including ͑i͒ random bond directions, bond lengths, and bond angles, ͑ii͒ random hybridization levels, and ͑iii͒ initial small defects. Some of the initial defects are nearly the size of the initial crack, so the inserted crack apparently only affects the fracture process in its vicinity and does not have a substantial impact on the overall fracture process. We will substantiate this hypothesis in Sec. IV by studies of two-dimensional random networks.
The characteristics of fracture in amorphous carbon are quite similar to those in ductile materials, where voidlike defect growth and coalescence are important mechanisms. 25 In amorphous carbon nanospecimens, the voidlike defects are quite small, and other mechanisms such as rotation of bonds play a role, but voidlike defect growth is definitely a key phenomenon in the decreased effect of initial defects.
The gradual nature of the failure process of amorphous carbon may be due to several factors. First, due to the structural heterogeneity of amorphous carbon, the energy or force required to successively break atomic bonds at the crack tip varies as the crack and the damage zone develop, since the angles of successive bonds change markedly. Secondly, part of the elastic energy is dissipated through local structural rearrangement, voidlike defect growth, and other irreversible structural changes.
Bond rearrangement plays an important role in the later stages. The carbon bonds, which are randomly oriented in the initial amorphous carbon structure, rotate to align with the loading direction at large strains, as shown in Fig. 2͑c͒ . At very large strains, fibrils composed of carbon-carbon single bonds are formed ͓Fig. 2͑d͔͒ and take some load even at tensile strain as large as 80%. We have commented on this in the previous section.
Interestingly, similar strengthening mechanisms are also seen in the tensile failure of glassy polymers. In glassy polymers, such as polystyrene and polymethyl methacrylate, failure is accompanied by "crazing." During crazing, microvoids nucleate in front of the crack tip, and the polymer molecules between the voids are stretched in the loading direction and form chains and fibrils, which increases the resistance to fracture. 26 Due to the toughening effects of these molecular chains and fibrils, the material can sustain a substantial load at large strains and fails gradually. There are also similarities between our simulation results and failure simulations of glassy polymers.
27
C. Dependence of fracture strength on crack size
In this section, we compare the fracture strengths for amorphous carbon and diamond obtained by MD simulations with Griffith theory. The Griffith theory gives a lower bound on the fracture strength of a body by equating the surface energy needed for the crack to propagate with the elastic energy released by the body. It is a thermodynamic principle and gives a rigorous lower bound on the fracture stress. The only sources of error are the assumption of linear elastic response that is made in developing formulas for the energy released by the body and its neglect of lattice trapping. 28, 29 For a linear elastic, isotropic body of width h and a pennyshaped edge crack with radius c, the Griffith fracture stress is 
͑1͒
where ␥ is the surface energy, E is Young's modulus, and is Poisson's ratio.
To compute the Griffith fracture stress by Eq. ͑1͒, we obtained the surface energy ␥ by MD simulations by creating ten surfaces by pulling apart a specimen by prescribing the displacements of all atoms in the specimen. The surface energy is the net increase of the total energy. Descriptions for this method of calculating surface energy can be found in 
) (c) (a) (b) (c) (a) (b) (c) (a) (b) (c) (d) (d) (d) (d) (A) (B) (C) (A) (B) (C) (A) (B) (C) (A) (B) (C) (D) (D) (D) (D)
Initial pennyshaped crack
Largest defects
Largest defect FIG. 6 . ͑Color online͒ ͓͑a͒-͑d͔͒ Stick models and ͓͑A͒-͑D͔͒ surfaces of fourfold coordinated atom in amorphous carbon ͑2016 atoms͒ with an initial crack of diameter of 6 Å during the fracture process: ͓͑a͒ and ͑A͔͒ at 0 strain, ͓͑b͒ and ͑B͔͒ at stress, 12% strain, ͓͑c͒ and ͑C͔͒ at 27% strain, and ͓͑d͒ and ͑D͔͒ final structure at 79% strain.
literature. 8, 31 The surface energy ␥ for the amorphous carbon was found to be 2.80 J / m 2 with EDIP; the surface energy ␥ for diamond in the ͗111͘ surface was computed by the Brenner potential to be 5.40 J / m 2 by Shenderova et al., 32 and we used that value.
For the diamond fracture simulations, the Brenner secondgeneration REBO potential 32 with a modification of its cutoff function was used ͑to improve its simulation of bond breaking 9 ͒ for it has been checked more extensively in crystalline carbon materials. Figure 8 compares the fracture strengths for diamond with the Griffith formula ͓Eq. ͑1͔͒. The calculated fracture strength is generally in good agreement with the Griffith equation for cracks with radii from 20 to 90 Å. The errors for small radii can be attributed to the fact that the cracks ͑created by removing atoms͒ are not perfectly penny shaped, since it is impossible to obtain a circular crack by removal of atoms at this scale. Furthermore, the Griffith equation does not account for the nonlinearity of the diamond near fracture nor lattice trapping. For cracks larger than 90 Å, the fracture strength deviates from the Griffith equation due to inapplicability of Eq. ͑2͒ when the free boundaries are too close to the crack. Similar good agreement with the Griffith equation for nanoscale cracks were found for SiC ͑Ref. 31͒ and grapheme sheets. 8 For the simulations of amorphous carbon with defects, three pristine amorphous carbon samples were generated with simulated annealing. For each sample, a penny-shaped edge crack was created by removing a plane of carbon atoms; the geometry is similar to the diamond sample shown in Fig. 7 , except that the amorphous carbon clusters were slightly smaller ͑122.9ϫ 61.28ϫ 63.20 Å 3 ͒. The mean, minimum, and maximum of the three fracture strengths obtained from the simulations are compared with the Griffith formula, i.e., Eq. ͑1͒, in Fig. 9 . Rather than exhibiting an inverse square root dependence on the crack radius c, i.e., a c −1/2 dependence, as predicted by the Griffith equation, the fracture strength of amorphous carbon is almost constant for crack diameters smaller than about 40 Å. In Fig.  9 we also plot a F curve, where
where 0 is the fracture strength for the pristine amorphous carbon, A is the cross-sectional area, and A c is the area of the crack. The fracture strengths from the simulations agree with the F fairly well up to 70 Å. This implies that the fracture strength is governed by the cross-sectional area ͑A − A c ͒ that remains after the insertion of the initial crack. Thus, the strength of these nanospecimens of amorphous carbon is governed primarily by the cross-sectional area normal to the loading, rather than the brittle fracture behavior that governs diamond, which is reflected in the Griffith formula. Even for the largest flaws studied here ͑85 Å͒, the computed strength of 25 GPa is markedly greater than the experimental results of Robertson, 1 6 -9 GPa; the fracture strains reported in those experiments are of the order of 1.2%, which is one-tenth of our computed values. This suggests that the experimental specimens contained much larger flaws and that flaw insensitivity may not persist for larger scales. Un- fortunately, such large flaws are beyond our computational capabilities at this time.
IV. RANDOM NETWORK MODEL
To explore to what extent the properties of amorphous carbon can be attributed to the randomness of its atomic structure, we considered two-dimensional random networks with a simpler potential. The substantially lower computational cost of these random network models made it possible to study larger specimens.
In our two-dimensional random network models, the positions of the atoms were generated from a Matern twodimensional random field. 33 The Matern random field is a thinned Poisson random field. The network generation consists of two steps: ͑i͒ the random coordinates of a group of atoms based on a uniform distribution on a rectangular plane are independently generated; ͑ii͒ the neighboring atoms of each atom are checked, and neighboring atoms are deleted if they are closer than a specified distance h. Then, atoms are connected with bonds if they are within a cut-off distance r c = 1.80. All units are nondimensional.
A key property of a random network models is its connectivity, defined by
where N is the total number of atoms and m i is the number of neighbors connected to atom i. By adjusting the deletion distance h, the density and the connectivity of the network can be easily modified. Figure 10͑a͒ shows a random network generated with this method for a 64.73ϫ 64.73 specimen with 1854 atoms. In the following simulations, m is chosen to be 3.7, which is a typical average coordination number in tetrahedral amorphous carbon.
A MD scheme is used for the simulations. The interaction between atoms is described by a bond-stretching potential of the Morse type:
where E P is the potential energy, ij is the energy contributed by the bond connecting atoms i and j, r ij and r ij 0 are the instantaneous and initial distances between atoms i and j, respectively, D e is 188.2, and ␣ is 2.625. For each bond, its equilibrium length is its initial length so that the network is initially in equilibrium. A bond is considered broken if it is longer than 1.20r ij 0 . The results from a typical simulation of the random network with 1854 atoms are shown in Fig. 11 . The stress-strain curve is qualitatively similar to the fracture of amorphous carbon shown in Fig. 1 . Figures 10͑a͒-10͑d͒ show line models of the specimen: ͑a͒ at 0 strain ͑with boundary atoms in dark blue͒, ͑b͒ at the maximum stress ͑10.7% strain͒, ͑c͒ at 20% strain, and ͑d͒ at the maximum ͑50%͒ strain. Cracks and voids are apparent in the initial unstrained specimen ͓Fig. 10͑a͔͒. At the maximum stress, these small defects coalesce to form larger voids ͓Fig. 10͑b͔͒. These voids continue to grow and coalesce, and only a few loading paths remain at about strain of 20%, Fig.  10͑c͒ . The specimen fails at 38%, Fig. 10͑d͒ . A recent study of two-dimensional ͑2D͒ random network fracture 34 reported similar stages of fracture.
As in amorphous carbon, for the random network, the following are observed:
͑i͒ The fracture is gradual rather than catastrophic, the stress-strain curves have similar increasing, softening, and plateauing stages, and the maximum strain is larger compared to the fracture strain.
͑ii͒ Fracture is accompanied by the growth and coalescence of multiple initial defects, rather than the growth of a single dominant crack. 
are compared to the simulation results in Fig. 12 . The simulation results for the fracture strength are almost independent of crack size for cracks shorter than 30. The strength decreases significantly for cracks longer than 35, which is partly due to the finite size of our specimen ͑320ϫ 320͒. The insensitivity of fracture strength to small cracks shown in Fig. 12 is similar to that found in the amorphous carbon ͑Fig. 9͒.
In Fig. 12 , we also show F given by
This indicates that in the random network, just as in the amorphous carbon, the strength depends on the loaded area. This contrasts with brittle fracture behavior, in which the strength varies with a −1/2 , as shown in Eq. ͑6͒.
V. SUMMARY
We have used MD simulations and the EDIP to study the fracture of tetrahedral amorphous carbon nanospecimens. We found that EDIP is advantageous in simulations of amorphous carbon as compared to the Brenner or Tersoff potentials because it yields sp 3 fractions, elastic moduli, and fracture stresses and strains that are in better agreement with experiment and higher order calculations. We have found that tetrahedral amorphous carbon nanospecimens fracture very differently from diamond nanospecimens: ͑i͒ failure is gradual instead of catastrophic, ͑ii͒ it is accompanied with voidlike defect growth and coalescence, and ͑iii͒ the fracture strength is insensitive to initial cracks below about 40 Å. These fracture characteristics appear to result from the structural disorder of amorphous carbon.
The insensitivity of the fracture strength of amorphous carbon nanospecimens to cracklike flaws below a critical size is of particular interest. The strengths of specimens with cracks below a critical size are almost identical to that of pristine specimens. This indicates a flaw tolerance such as that proposed by Gao et al. 2 Our results show that such flow tolerance does not occur in the crystalline form of carbon, i.e., diamond. Flaw tolerance in crystalline structures has also been disputed by Ballarini et al. 36 An examination of the failure process in amorphous carbon and diamond revealed several factors that may explain this flaw tolerance in amorphous carbon nanospecimens and its absence in diamond nanospecimens. Failure in amorphous carbon involves the growth of voidlike defects and significant rotation of bonds into alignment with the loading direction. The growth of voidlike defects depends very little on preexisting flaws, since amorphous carbon already possesses many anomalies because of its disordered structure. By contrast, in diamond, fracture does not involve voidlike defect growth but instead consists of the rapid sequential breakage of bonds adjacent to the flaw. Thus, any preexisting flaw has significant effects on the strength of diamond.
To assess the degree to which the observed behavior in amorphous carbon is due to its random structure, we also studied two-dimensional random networks. We found that the fracture of random networks is similar to that observed in amorphous carbon: gradual failure, accompanied by void growth and coalescence and insensitivity of fracture strength to initial cracks below a critical dimension. These shared attributes of amorphous carbon and random network fracture support our hypothesis that structural disorder is the major causative factor of the differences between fracture in amorphous carbon and diamond. 
